In this work, instrumented nanoindentation experiments with two spherical tips with radii of 13.5 and 1 m were used to explore the deformation behavior of ZnO single crystals with two orientations, C (basal) and A (prism). By converting the nanoindentation load-displacement data to stress-strain curves, we show that the main reason the hardening rates are higher for the C plane than they are for the A plane is the activation of dislocations-with widely different flow stresses-on different sets of slip planes. For the former, glide occurs on basal planes as well as pyramidal planes; for the latter, glide occurs predominantly on basal planes. The C plane is roughly twice as hard as the A plane, probably due to the orientation of basal planes with respect to the indentation axis. A Weibull statistical analysis of the pop-in stresses indicates that the inherent defect concentration at or near the surface is the main factor for the initiation of plastic deformation. The strain energy released when the pop-ins occur determines their extent. The elastic moduli values, determined by Berkovich nanoindentation, are 135 ± 3 GPa and 144 ± 4 GPa for the C and A planes, respectively. In the C orientation repeated indentations to the same stress result in fully reversible hysteretic loops that are attributed to the formation of incipient kink bands.
I. INTRODUCTION
Single-crystal ZnO, a II-VI wide band-gap semiconductor, has received a good amount of attention due to its potential application in short wavelength optoelectronic devices because of some advantages over the more popular GaN. 1 For example, ZnO has a simpler crystal growth technology, which translates to a lower cost material. ZnO can also be easily etched in acids and alkalis, providing an opportunity for fabrication of small-scale devices. Recently, ZnO has also shown potential for applications in transparent thin-film transistors. 2 In all cases, knowledge about its mechanical deformation behavior is of great importance for the manufacture of such devices.
Most of the earlier studies carried out on polycrystalline ZnO with sharp indenters 3, 4 provided little information about the deformation behavior of this material. They mostly showed much variability in the hardness (∼1.5-12 GPa) and moduli (∼40-120 GPa) values. 2 More recently, using a combination of spherical nanoindentations and cross-sectional transmission electron microscopy (X-TEM), Bradby et al. 5 showed that at loads greater than the pop-in loads, deformation under the indenter was due to extensive slip on basal and pyramidal planes. In more recent work, 6, 7 they reported that the hardness values of A and C planes of ZnO were 2 ± 0.2 GPa and 4.8 ± 0.2 GPa, respectively, and attributed these differences to the different orientations of the basal planes and the ease by which slip can occur along them.
Recently, we have shown that spherical nanoindentation can be an important and powerful tool for characterizing the mechanical deformation of single crystals. [8] [9] [10] [11] [12] This is especially true since we developed a technique to convert the load-displacement curves to indentation stress-strain curves. 11 In this paper, we apply this technique to understand the response of two different ZnO surfaces to a highly localized stress. Repeated spherical nanoindentations with two different tip radii were carried out into the same locations of both C (basal) and A (prismatic) orientations.
II. EXPERIMENTAL DETAILS
High-quality bulk wurtzite ZnO single crystals were purchased (Wafer World, West Palm Beach, FL) with two orientations: (0001) C plane and (1120) A plane. The nanoindentation experiments were performed at room temperature with a nanoindenter (XP system, MTS Corp., Oak Ridge, TN) equipped with a continuous stiffness measurement (CSM) attachment. Two diamond hemispherical indenters with radii R of 13.5 and 1 m were used. The loading rate/load ratio was constant at 0.1. Typically, the tip was indented into the same location at least 5 times at a given load. Post-indentation surface features were examined using a scanning electron microscope (SEM; FEI, XL30, FEI Corp., Hillsboro, OR). We also measured the Vickers microhardness (M-400 Hardness Tester, LECO Corp., St. Joseph, MI) using a load P of 10 N. The hardness and moduli of the two surfaces were also measured using a Berkovich tip in the nanoindenter.
The contact depth h c and hence the contact radius a were determined assuming
where h t is the total displacement and S is the surface stiffness measured by the CSM. ␦ is an adjustable parameter of the order of few nanometers used to render the slopes of the stress-strain curves in the elastic regime at low stresses to the moduli measured using the Berkovich indenter. 11 It is important to note that ␦ is quite small (4 ± 2 nm) and could easily have been eliminated without affecting the results or conclusions of this work. This factor mostly affects the slopes of the stress-strain curves in the early elastic regime.
11
From Hertzian analysis, [13] [14] [15] 
where the left hand side represents the Meyer or indentation stress 16 and a/R is the indentation strain. E* is a reduced modulus given by, 1/E* = (1 − s 2 )/E s + (1 − i 2 )/E i , where the subscripts s and i refer to the specimen and the indenter, respectively. The details can be found in Ref. 11 .
III. RESULTS AND DISCUSSION
Typical nanoindentation load-displacement results for the C orientation obtained with the 13.5 m indenter are shown in Fig. 1(a) ; those for the A orientation are shown in Fig. 1(b) . A perusal of these results and the corresponding stress-strain curves [Figs. 2(a) and 2(b)] indicate the following. (i) The C surface is about twice as hard as the A surface [ Fig. 2(a) ]. The dashed horizontal lines represent the Vickers microhardness values-1.7 ± 0.1 GPa and 3.3 ± 0.1 GPa for the A plane and C plane, respectively-measured in this work. At 2.0 ± 0.2 GPa, the hardness values for the A surface measured by Coleman et al. 6, 7 are also in good agreement with our results.
However, their value for the C plane (4.8 ± 0.2 GPa) 1 is, for reasons that are not clear, higher than ours. (ii) The repeat cycles in the C orientation are fully reversible and reproducible [inset in Fig. 2(a) ]. It is important to note that fully reversible loops are not observed when plastically isotropic solids, such as fused silica, Al, or Fe, are tested. 11 The same is true when the stress can be relieved without the formation of incipient kink bands (IKBs), as The C and A orientation elastic moduli, determined from Berkovich nanoindentation, were 135 ± 3 GPa and 144 ± 4 GPa, respectively. These values are in reasonable agreement with those of Coleman et al., 6 who reported values of 143 ± 6 and 163 ± 6 for the C and A planes, respectively. Interestingly, both sets of values are also coincidentally close to the values of 1/s 33 (149 GPa) and 1/s 11 (128 GPa) calculated using the elastic constants for ZnO. 2 When the pop-in loads for both the indenter tips are normalized by R 2 , R being the indenter radius, and plotted against the extent of the pop-ins, normalized by R, straight lines result ( Fig. 3 ) in which the slopes for the C direction were ∼4 times steeper than the A direction. Bradby et al. 17 have shown that the slopes of such lines scale with hardness. This is clearly confirmed here. For both surfaces studied in this work, the slopes were a function of indenter radius ( plane, however, was more noticeable. Our results for the C plane straddle those of Bradby et al., 17 who used an indenter tip radius of 4.3 m.
To understand the results shown in Fig. 2 , we make the following four conjectures. First, the difference in hardness values between the orientations is due to the orientation of the basal planes with respect to the indentation axis. Second, the intrinsic flow stresses of the pyramidal dislocations are higher than those for the basal, and the combination of these two slip systems accounts for the higher strain hardening coefficient of the C plane. Third, dislocation nucleation is heterogeneous, stochastic, and defect dependant and occurs at the pop-in stress. Finally, the strain energy released when the pop-ins occur determine their extent. In the remainder of this paper, evidence for these conjectures is presented.
For the C plane, the dislocation flow stress, o is 1.25 ± 0.3 GPa; for the A plane, o is 0.5 ± 0.1 GPa [ Fig. 2(b) ]. [Here it is assumed that o ≈ o /2, where o is the y-axis intersection of the stress-strain curves after the pop-ins in Fig. 2(b) ]. Given that in both cases, at least initially (see below), the same basal plane dislocations are nucleated and move, the difference has to be related to the resolved shear stress on the basal planes, which is presumably higher for the A planes. In other words, we are in agreement with Bradby et al. 5 and Coleman et al. Based on Fig. 2 , there is little evidence for plastic deformation prior to the pop-ins. The wide variations in pop-in stresses thus suggest that dislocation nucleation is the rate-limiting factor in the deformation. Consistent with this interpretation is the fact that the pop-in stresses for the A surface are a function of indenter radii [ Fig. 2(b) ]. Given that the volume probed by the 1 m indenter is roughly 2500 times smaller than the one probed by the 13.5 m indenter, it is reasonable to assume that the probability of finding a dislocation-nucleating heterogeneity would be greater under the 13.5 m indenter. If that were the case the Weibull moduli m for both indenters should be comparable. However, they are not; at 16 and 3, the Weibull moduli m for the 1 m and 13.5 m indenters, respectively, in the A direction [ Fig. 4(b) ] are quite different. Therefore, we conclude that the difference is probably due to different defect populations near the surface and deeper in the bulk. The results also suggest, somewhat surprisingly and for reasons that are unclear at this time, that the defect population and size at or near the surface, presumably those determining m for the 1-m indentations, may be smaller than deeper in the material. These comments notwithstanding, it is hereby acknowledged that more work in needed to better understand the nature of the dislocation nucleating defects.
In contrast, the difference in the m values-8 and 12-for the two indenters in the C plane [ Fig. 4(a) ] is smaller, suggesting that in this orientation the defect populations are more comparable with respect to the tip radii.
To confirm the fact that the pop-in stress is a function of inherent defect population, we carried out indentations near (∼10 m) the edge of the crystal, where the defect concentration/population is presumably higher due to machining. Figure 1 Fig. 4(a) ], it is fair to conclude that in this case the defects are more densely populated in a thin surface layer than they are deeper inside the bulk. The reason for this is not clear but could be related to the polishing of the surfaces. Note, however, that the highest pop-in stresses are on the order of c 44 /4 and thus quite close to the theoretical limit.
The fact that, for a given indenter size, the loaddisplacement curves after the pop-ins for both surfaces follow a single trajectory [ Figs. 1(a) and 2(b) ] is noteworthy because it implies that the evolution of the microstructure under the indenter is quite insensitive to strain rate. For example, in Fig. 2(b) , the indentations with pop-ins at X and Y, at a strain beyond Y, fall on the same curve. It is reasonable to assume that the microstructure formed at Y developed at a much higher strain rate than the one that followed the trajectory X to Y. Note that this is consistent with a system in which dislocation nucleation is rate limiting.
It is also important to note that the energy dissipated during the pop-in is roughly equal to the elastic strain energy stored in the material just before the pop-in, i.e., resulting from the elastic deformation. This is best seen in Fig. 2(a) , where it is clear the areas OAC and ABDC are roughly equal. Similarly, area OFJ is roughly equal to area JFGH. In other words, during the pop-ins, the strain energy is used for nucleating and moving a large number of dislocations. The equality also suggests that relatively little energy is dissipated as heat and/or sound waves. The details of how the strain energy is converted to cascades of dislocations and why the microstructure under the indenter appears to be insensitive to strain rate are not understood at this moment.
Recently, we postulated that most solids with c/a ratios >1.5 belong to the same class of solids we labeled kinking nonlinear elastic (KNE). 8, 18 Experimentally, the signature of KNE solids is the formation of fully reversible, hysteretic stress-strain loops on repeat loadings to the same stress. 19 This full reversibility is due to the formation of IKBs that are composed of two, nearly parallel, dislocation walls of opposite polarity attracted to each other such that when the load is removed, they annihilate. Given that the response of the C planes to repeated indentations [inset of Fig. 2(a) ] is indeed fully reversible, we conclude that IKBs are responsible. This response is very similar to the deformation behavior observed in other KNE solids such as layered ternary carbides, 12, 19 mica, 8 graphite, 9 sapphire, 10 and, more recently, GaN. 20 As noted above, high c/a ratios render nonbasal slip prohibitively expensive. The results of this work clearly show that at c/a ratios near 1.5 (for ZnO it is 1.6), it is possible to activate nonbasal slip but only under highly constrained conditions. At ∼17.3 ± 2.6 MJ/m 3 , the energy dissipated per cycle for the C plane [inset of Fig. 2(a) ] is considerable and can be attributed only to the to-and-fro motion of dislocations. 19 The other two possibilitiesfracture and phase transformation-can be readily ruled out as fracture cannot lead to hardening, as observed in Fig. 2(b) , and no cracks have been observed on the surface [ Fig. 5(a) ] or in X-TEM. 5 No evidence of a phase transformation in ZnO has ever been reported at the stresses given here.
From our microscale model, 18 which is in turn based on the earlier work of Frank and Stroh 21 on the growth of subcritical elliptical kink bands of dimensions 2␣ and 2␤, the condition for instability where a subcritical kink becomes critical is 21 FIG. 5. SEM images of indented ZnO surfaces: (a) C-plane, the 6-fold symmetry of slip lines is consistent with pyramidal slip underneath the indented region; (b) A plane, the 2-fold symmetry is consistent with basal slip (see Fig. 7 ).
where c and c are the critical shear and normal stresses, respectively, b is the Burger's vector, and G is the shear modulus, which can be approximated by c 44 in the case of a single crystal. ␥ c is the critical angle of kinking given by
where is Poisson's ratio and D is the distance between two dislocations in a kink boundary. The energy dissipated per unit volume per cycle is
where ⑀ IKB represents the nonlinear strain experienced due to IKBs and ⍀ is the energy dissipated by a dislocation loop of unit length sweeping a unit area. Thus, ⍀/b is equal to the critical resolved shear stress of basal plane dislocations. 18 To examine the assumptions of our IKB model, 18 embodied in Eqs. (4)- (6), we need to estimate ␥ c . As noted above, the threshold stress for the formation of the initial KBs/dislocations for the C plane is ∼1.25 GPa. If this value is equated to c in Eq. (4), c 44 for ZnO is 45.1 GPa, and consequently, c ≈ c 44 /36, which is not unreasonable and is what Frank and Stroh estimated that value to be. It is important to note that this value is the value in the presence of IKB nucleating heterogeneities and/or defects; in the absence of these defects, c can be close to the theoretical limit, namely, ∼c 44 /4. Thus, taking c ≈ c 44 /36 and assuming G ‫ס‬ c 44 ‫ס‬ 45.1 GPa, ‫ס‬ 0.2, and b ‫ס‬ 0.324 nm, 2 from Eq. (5), we calculate ␥ c ≈ 0.06. Hence, the distance between two dislocations in a wall, D is ≈ 5.4 nm. In other words, a dislocation is present along the c axis every ∼54 Å. The c-lattice parameter 2 is 5.20 Å, and the total length of an IKB, 2␣, as calculated from Eq. (4), is ∼50 nm. In other words, each IKB is composed of roughly 10 dislocation loops.
The IKB strain, ⑀ ⌱⌲〉 -approximated to be the distance between two lines drawn parallel to the initial loading and unloading portions of the reversible hysteretic cycles, as shown in the inset of Fig. 2(a) -was on the order of 0.009 ± 0.001, and W d was on the order of 17 ± 3 MJ/m 3 . Using those values in Eq. (6) results in a ⍀/b ≈ 308 MPa. This value is reasonable and comparable to the estimated flow stress of basal plane dislocations obtained from Fig. 2(b) , namely 500 ± 100 MPa (see above). Note the purpose of these calculations is not to prove our IKB model, but rather to show that they are consistent with our other observations. They also suggest that the fully reversible nonlinear deformation is due to the to-and-fro motion of basal plane dislocations.
The fully reversible loops and the considerable energy dissipated during each cycle suggest that ZnO single crystals behave like other KNE solids. From this work, however, it is also obvious that the KNE deformation of hexagonal crystals with c/a ratios near 1.5 depends on orientation. With increasing c/a ratios, the formation of IKBs becomes more ubiquitous and independent of orientation, as in the case of sapphire. 10 More single-crystal work is needed to better understand the effect of orientation on the formation of IKBs when the c/a ratios are close to 1.5. Using our results and previous work 1, [5] [6] [7] 23 it is possible to reconstruct a highly simplified scenario of what happens at the atomic scale. When C-plane indentations were imaged in a SEM, a clear 6-fold pattern was observed [ Fig. 5(a) ]. When this information is combined with the X-TEM and cathodoluminescence (CL) observations of Bradby et al. 5 we conclude, in agreement with them, that in this direction pyramidal slip is also activated along with basal slip. Evidence for the activation of the former is clearly seen in the hardening rates for the C plane after the pop-ins; they are clearly higher for the C plane than the A plane [compare the slopes of parallel dashed lines in Fig. 2(b) with the slope of the line XY], where presumably little pyramidal slip is observed. 7 Consistent with the X-TEM and CL observations of Coleman et al., 7 when the A-plane indentations were imaged, only one set of parallel slip lines, presumably due to basal slip, was observed [ Fig. 5(b) ].
Combining these insights with the fact that ZnO (in the C direction at least) is a KNE solid allows us to propose the following scenarios for what occurs at the atomic level. At pop-in, in the case of the C plane, as in Ti 3 SiC 2 , 24,25 kink boundaries of opposite polarity nucleate on either side of the indentation. The kink boundaries under the indenter are of the same sign and merge together to form a high-angle kink boundary directly below the indenter. The kink boundaries at the edges are mobile-we call them mobile dislocation walls 25 -and are swept away along the [1120] directions [ Fig. 6(b) ].
This explains both the pileup around the indentation mark and the formation of the Star of David with dimensions that are roughly twice as large as the radius of the indent. Note that these kink boundaries could not occur without concomitant delaminations and/or the formation of dislocation pileups or arrays [shown as near horizontal lines in Fig. 6(a) ] along the basal planes, namely, parallel to the surface. Later in the process, pyramidal slip bands at 60°to the surface are activated. With increasing stress, more basal slip bands form deeper into the material nucleating more pyramidal slip, etc., as observed. 5 In the case of the A-planes the situation is different; at pop-in, basal dislocations of opposite signs are nucleated from the surface [ Fig. 7(a) 
IV. CONCLUSIONS
By converting load-depth of penetration curves to stress-strain curves and combining the data with post indentation SEM observations and previous X-TEM work, 5, 7 we conclude that: (1) In agreement with previous work, 7 the factor of ∼2 difference in the hardness values of the C and A surfaces of ZnO is probably due to the orientation of the basal planes with respect to the indentation axis.
(2) The higher hardening rates of the C plane are due to the nucleation of pyramidal dislocations, in addition to basal dislocations.
(3) During the pop-ins, strain energy is converted to the nucleation and movement of large numbers of dislocations. The strain energy released when the pop-ins occur determines their extent.
As far as we are aware, this is the first example of how indentation stress-strain curves can be used to shed important light on the atomistics of the deformation processes in ZnO single crystals, which would be otherwise very difficult if not impossible to obtain.
